We report first-principles density functional theory studies of native defects in lithium borohydride (LiBH4), a potential material for hydrogen storage. Based on our detailed analysis of the structure, energetics, and migration of lithium-, boron-, and hydrogen-related defects, we propose a specific mechanism for the decomposition and dehydrogenation of LiBH4 that involves mass transport mediated by native defects. In this mechanism, LiBH4 releases borane (BH3) at the surface or interface, leaving the negatively charged hydrogen interstitial (H − i ) in the material, which then acts as the nucleation site for LiH formation. The diffusion of H − i in the bulk LiBH4 is the rate-limiting step in the decomposition kinetics. Lithium vacancies and interstitials have low formation energies and are highly mobile. These defects are responsible for maintaining local charge neutrality as other charged defects migrating along the material, and assisting in the formation of LiH. In light of this mechanism, we discuss the effects of metal additives on hydrogen desorption kinetics.
I. INTRODUCTION
Lithium borohydride (LiBH 4 ) is a potential candidate for hydrogen storage because of its high hydrogen density (18.4 wt%) [1] . The major drawbacks of LiBH 4 that prevent it from practical use are its high decomposition temperature (370 • C) [2] and slow hydrogen desorption kinetics. Although it has been reported that incorporation of some metal additives into the material can lower the decomposition temperature and enhance the kinetics [1, 3, 4] , the mechanism behind the decomposition and dehydrogenation processes and the role of the metal additives are not really understood. As demonstrated in our previous work for other complex hydrides, first-principles calculations based on density functional theory can produce such an understanding by providing insights on the atomistic mechanism involved in mass transport and hydrogen release in the material [5] [6] [7] [8] .
LiBH 4 undergoes a polymorphic transformation from the ordered low-temperature orthorhombic phase to the disordered high-temperature hexagonal phase around 104
• C [9] , and exhibits a slight hydrogen desorption of 0.3 wt% between 100 and 200
• C [1] . The melting occurs around 270
• C. The first and second significant hydrogen desorption peaks start at 320 and 400
• C, respectively, and the desorption reaches its maximum around 500
• C [1] . The overall reaction for LiBH 4 decomposition can be expressed as the following equation:
which releases 13.8 wt% hydrogen when LiBH 4 is heated up to 900
• C [1] . The decomposition of LiBH 4 may, however, involve several intermediate steps. It has been reported that hydrogen desorption in LiBH 4 is accompanied by the release of gaseous diborane (B 2 H 6 ) [10] , which subsequently decomposes into B and H 2 at high temperatures [11] . Some diboranes or higher boranes may, however, react with the not-yet-decomposed LiBH 4 to form Li 2 B 12 H 12 and possibly Li 2 B 10 H 10 , which have been detected in experiments [11] [12] [13] .
Experimental data suggested that the decomposition and dehydrogenation of LiBH 4 involve hydrogen and/or boron mass transport mediated by native defects. However, there is no consensus among these experimental reports about the diffusing species involved in the decomposition process, which could be single H atoms, (BH 4 ) − units, or BH 3 units [14] [15] [16] [17] . Regarding the activation energy for decomposition, Pendolino et al. [18] reported a value of 1.22 eV for pure LiBH 4 . For comparison, Züttel et al. [1] reported an activation energy of 1.62 eV for the decomposition of LiBH 4 mixed with SiO 2 ; other authors reported values of 1.36 and 1.06 eV for the ball-milled (3LiBH 4 +MnCl 2 ) mixture [19, 20] .
In this paper we report first-principles studies of native point defects and defect complexes in LiBH 4 . Based on our detailed analysis of the structure, energetics, and migration of the defects, we propose a specific atomistic mechanism that explains the decomposition and dehydrogenation of LiBH 4 , and the effects of metal additives on hydrogen desorption kinetics. Comparison with the experimental work will be made throughout. Some results for hydrogen-related defects were reported previously [6] , but are included here for completeness.
II. METHODOLOGY
Our calculations are based on density functional theory, using the generalized-gradient approximation (GGA) [21] and the projector-augmented wave method [22, 23] as implemented in the VASP code [24] [25] [26] . For defect calculations in LiBH 4 (orthorhombic P nma, 24 atoms/unit cell) [9] , we used a (2×2×2) supercell which contains 192 atoms, and a 2×2×2 Monkhorst-Pack kpoint mesh [27] . The plane-wave basis-set cutoff was set to 400 eV and convergence with respect to self-consistent iterations was assumed when the total energy difference between cycles was less than 10 −4 eV and the residual forces were less than 0.01 eV/Å. The migration of selected point defects in LiBH 4 was studied using the climbing-image nudged elastic band method (NEB) [28] .
Throughout the paper we use defect formation energies to characterize different native defects in LiBH 4 . The formation energy (E f ) of a defect is a crucial factor in determining its concentration. In thermal equilibrium, the concentration of the defect X at temperature T can be obtained via the relation [29, 30] 
where N sites is the number of high-symmetry sites in the lattice per unit volume on which the defect can be incorporated, and N config is the number of equivalent configurations per site. Note that the energy in Eq. (2) is, in principle, a free energy; however, the entropy and volume terms are often neglected because they are negligible at relevant experimental conditions [30] . It is evident from Eq. (2) that defects with low formation energies will easily form and occur in high concentrations. The formation energy of a defect X in charge state q is defined as [29] 
where E tot (X q ) and E tot (bulk) are, respectively, the total energies of a supercell containing the defect X, and of a supercell of the perfect bulk material; µ i is the chemical potential of species i (and is referenced to the standard state), and n i denotes the number of atoms of species i that have been added (n i >0) or removed (n i <0) to form the defect. µ e is the electron chemical potential, i.e., the Fermi level, referenced to the valence-band maximum in the bulk (E V ).
The atomic chemical potentials µ i are variables and can be chosen to represent experimental conditions. For defect calculations in LiBH 4 , based on Eq. (1) one can assume equilibrium of LiBH 4 with LiH and H 2 , and the chemical potentials of Li, B, and H can be obtained from the equations that express the stability of LiH, H 2 , and LiBH 4 , which gives rise to µ Li =−0.825, µ B =−1.183, and µ H =0 eV. This condition, however, corresponds to assuming equilibrium with LiH and H 2 at 0 K and 0 bar, and thus does not reflect the actual experimental conditions [1] . One can also assume equilibrium with B and H 2 , but this scenario is unlikely to occur during the decomposition of LiBH 4 , given that both B and H 2 may not be formed directly from LiBH 4 but through the decomposition of the intermediates such as B 2 H 6 [11] . In the following presentation of defect formation energies, we assume equilibrium with LiH and B, which gives rise to µ Li =−0.431, µ B =0, and µ H =−0.394 eV. This condition corresponds to assuming equilibrium with LiH and H 2 gas at 610 K and 1 bar [31] , which is close to the decomposition temperature (643 K) of LiBH 4 [2] . 
III. POINT DEFECTS AND COMPLEXES
The compound can be regarded as an ordered arrangement of (Li) + and (BH 4 ) − units. In its electronic structure, the valence-band maximum (VBM) consists of the bonding states of B p and H s, whereas the conductionband minimum (CBM) consists predominantly of the antibonding states of B p and H s. The calculated band gap is 7.01 eV [6] . In such an insulating, large band gap material, native point defects are expected to exist in charged states other than neutral, and charge neutrality requires that defects with opposite charge states coexist in equal concentrations [5] [6] [7] [8] . We therefore investigated native defects in LiBH 4 in all possible charge states. Defect complexes are also considered, with special attention devoted to Frenkel pairs, i.e., interstitial-vacancy pairs of the same species. In the following, we analyze the structure, energetics, and migration of the defects in detail. The role of these defects in ionic conduction and the decomposition of LiBH 4 will be discussed in Sec. IV.
A. Hydrogen-related defects Figure 1 shows the calculated formation energies of hydrogen vacancies (V H ), interstitials (H i ), and interstitial molecule (H 2 ) i in LiBH 4 . We find that the positively charged hydrogen vacancy (V given here is slightly lower than the preliminary value reported previously [6] .
Since hydrogen vacancies and interstitials are stable as oppositely charged defects, charge and mass conservation conditions suggest that these native defects may be created in the interior of the material in form of Frenkel pairs. Therefore, we have investigated the formation of hydrogen Frenkel pairs (H Hao and Sholl [35] recently reported first-principles calculations for hydrogen-related defects in LiBH 4 , using a methodology similar to ours. The formation energies (evaluated with µ H =0 eV) of the defects, except H − i , are in close agreement with our results obtained under condition (1) as reported in Table I (to within 0.1 eV). For H − i , our calculated formation energy is lower by 0.3−0.4 eV, suggesting that the H − i configuration we identified is more stable. Hao and Sholl also considered neutral hydrogen divacancies in LiBH 4 (denoted as V 2H ) by removing two H atoms from the system, resulting in a B 2 H 6 unit with an ethane-like geometry. The formation energy of V 2H was reported to be 1.14 eV [35] , comparable to that (1.11 eV) obtained under the condition with µ H =0 eV in our calculations. This divacancy can be regarded as a complex of V + H and V − H with a binding energy of 2.84 eV with respect to its individual constituents, although the structures of the individual defects are not preserved in the divacancy. Hao and Sholl [35] also noted that the hydrogen divacancy and interstitial hydrogen molecule have formation energies much lower than those of V + H and H − i . The sum of their calculated formation energies for V 2H and (H 2 ) i is 1.56 eV, close to the value of 1.51 eV in our calculations. We have also explicitly calculated a V 2H -(H 2 ) i complex, finding a formation energy of 1.49 eV. Note that the formation energy of this complex is independent of the chemical potentials. The V 2H -(H 2 ) i complex therefore has almost zero binding energy (0.02 eV) with respect to its constituents, suggesting that, once created, it would readily dissociate into V 2H and (H 2 ) i . Figure 3 shows the calculated formation energies of lithium vacancies (V Li ), lithium interstitials (Li i ), and V LiH (removing Li and H) in LiBH 4 . Among these defects, we find that Li can occur with a concentration larger than either of its constituents under thermal equilibrium [29] . The defect is, however, expected to dissociate into V 
B. Lithium-related defects

IV. DISCUSSION
It emerges from our analyses in Sec. III that the structure and energetics of all possible native defects in LiBH 4 can be interpreted in terms of H (1) is given here only for comparison since it does not reflect the actual experimental condition, as discussed in Sec. II. We find that Li + i and V − Li are the charged native point defects with the lowest formation energies in both conditions. Therefore, in the absence of electrically active impurities or when such impurities occur in much lower concentrations than charged native defects, the Fermi-level position of LiBH 4 is determined by these two defects, which is at µ e =3.93 eV under condition (1) or 4.32 eV under condition (2) (hereafter this level will be referred to as µ int e , the Fermi-level position determined by intrinsic/native defects). We also find that the calculated formation energies of the defects, except H , we expect that they contribute almost equally to lithium-ion conductivity. The activation energy for ionic conductivity is estimated to be 0.79 eV, the summation of the formation energy and migration barrier of V − Li , which is in agreement with the reported experimental value (0.69 eV) [33] . Note that our calculated migration barriers of Li 
A. Decomposition mechanism
Let us now discuss the role of native defects in the decomposition of LiBH 4 into LiH, B, and H 2 [i.e., Eq. (1)]. It is important to note that the decomposition necessarily involves hydrogen and/or boron mass transport in the bulk of LiBH 4 . In addition, local and global charge neutrality must be maintained while charged defects are migrating. Keeping these constraints in mind, we identify the following native defects as essential to the decomposition process:
First, H Table I ) and hence low concentrations, and are expected not to play an important role. (H 2 ) i can occur with a high concentration in the bulk but it does not form by itself; below we comment on its formation in conjunction with V 2H , as suggested by Hao and Sholl [35] .
Second, V − is not stable outside the material, it dissociates into BH 3 and H − where the latter stays near the surface or interface. The formation of V 0 BH3 at the surface or interface also leaves H − in the material and releases BH 3 . It is well known that BH 3 can decompose into B and H 2 , or dimerize to form diborane (B 2 H 6 ). At room temperature, diboranes decompose to produce H 2 and higher boranes; whereas at higher temperatures (about 300
• C), diboranes decompose into B and H 2 . Some diboranes or higher boranes may react with LiBH 4 to form Li 2 B 12 H 12 and Li 2 B 10 H 10 as detected in experiments [11] [12] [13] .
From the surface or interface, H − diffuses into the bulk in form of H Table I ) and thus can occur with a higher concentration, the defect is likely to dissociate into V + BH4 and V − H at high temperatures as discussed in Sec. III, suggesting that these constituents may diffuse independently in the bulk of LiBH 4 during the decomposition process.
In this mechanism, the hydrogen-related diffusing species involved in the decomposition process are H − and (BH 4 )
− and/or BH 3 units, and the possible rate-limiting step is the formation and migration of H gives the highest activation energy, we believe that the decomposition of LiBH 4 is rate-limited by the formation and migration of this defect. The activation energy for the decomposition of LiBH 4 is therefore 1.65 eV, the activation for self-diffusion of H − i . Our calculated value is thus higher than the reported experimental values (ranging from 1.06 to 1.36 eV) for pure LiBH 4 and the ballmilled (3LiBH 4 +MnCl 2 ) mixture [18] [19] [20] , but comparable to that (1.62 eV) for LiBH 4 mixed with SiO 2 reported by Züttel et al. [1] . Note that, because the decomposition process occur at the surface or interface, ball milling that enhances the specific surface area and/or shortens the diffusion paths is expected to slightly enhance the hydrogen desorption kinetics via the kinetic prefactor.
Hao and Sholl [35] pointed out that the concentrations of V 2H and (H 2 ) i can be much larger than those of V + H and H − i , and concluded that the former are the dominant hydrogen-defects in LiBH 4 . Indeed, these neutral defects can have very low formation energies, as seen in Table  I . However, V 2H and (H 2 ) i alone cannot explain the formation of LiH in Eq. (1) and as observed in experiment. In the bulk of LiBH 4 , mass (and charge) conservation is required, and therefore V 2H and (H 2 ) i can only be created in the form of a V 2H -(H 2 ) i complex, similar to a Frenkel-pair mechanism for the formation of charged hydrogen and lithium vacancies and interstitials in the bulk as presented in Sec. III. The activation energy associated with this complex is about 1.70 eV, obtained by adding the formation energy of V 2H -(H 2 ) i and the migration barrier of (H 2 ) i , with the latter taken from Ref. [35] . This value is comparable to that associated with self-diffusion of H − i . The formation of V 2H -(H 2 ) i complexes in the bulk is thus in principle an alternative pathway for hydrogen transport, provided there are no additional barriers involved in the formation of the V 2H -(H 2 ) i pair, an issue not addressed by Hao and Sholl [35] . We note, however, that the decomposition of LiBH 4 via the reaction of Eq. (1) necessarily involves the breaking of B-H bonds, which requires the involvement of a single-atom hydrogen-related point defect (for which we propose H − i ).
B. Effects of metal additives
It should be noted that the Fermi level µ e can be shifted away from µ int e , e.g., as electrically active impurities are incorporated into the material [5] [6] [7] . If this occurs, the formation energy, hence concentration, of charged native defects will be enhanced or reduced, depending on how the Fermi level is shifted. For µ e < 4.26 eV (cf. Fig. 4 ), V + BH4 has a lower formation energy than V 0 BH3 , and is thus expected to be the dominant defect involved in boron mass transport. Lowering µ e in this range will lead to an increase (decrease) in the activation energy associated with H
). Since the diffusion of H − i is the rate-limiting step, this will increase the activation energy for decomposition. Increasing µ e , on the other hand, will decrease the activation energy. For µ e > 4.26 eV, V 0 BH3 is the dominant boron-related defect. Since the activation energy associated with V 0 BH3 is independent of µ e , lowering (increasing) µ e in this range will only increase (decrease) the activation energy associated with H − i . As reported previously [6] , transition impurities such as Ti, Zr, Fe, Ni, Pd, Pt, and Zn can be electrically active in LiBH 4 and effective in shifting the Fermi level. For example, we have found that, once Ti is incorporated into LiBH 4 at a certain lattice site with a concentration higher than that of the charged native defects, the Fermi level of the system will be determined by this impurity (hereafter referred to as µ ext e , the Fermi-level position determined by extrinsic impurities), which is at 4.16 eV (if Ti is incorporated on the B site), 4.37 eV (on the Li site), or 4.81 eV (at interstitial sites) [6] . In light of the mechanism proposed above, Ti is effective in lowering the decomposition activation energy, hence enhancing the kinetics, if incorporated on the Li [6] , and are thus expected not to be effective additives. These impurities may, however, lower the formation energy of V + BH4 and thus enhance the release of BH 3 and probably reduce the onset decomposition temperature.
Experimentally, it has been found that Ti-and Zncontaining additives such as TiO 2 [36] , TiCl 3 or TiF 3 [37, 38] , and ZnF 2 are effective in enhancing the kinetics [37] , whereas FeCl 3 is ineffective [37] . Our results are therefore in agreement with the available experimental data in the case of Ti and Fe, whereas there is a disagreement in the case of Zn. One possible explanation for this discrepancy is that we have not yet investigated all possible interactions between Zn and the constituents of the host material. The halogen anion in ZnF 2 may also play a role, as it was reported to be the case for titanium halides [38] . Finally, the addition of Ni to nanoconfined LiBH 4 has been found to slightly lower the onset temperature of hydrogen release but does not have a significant effect on the hydrogen desorption [39] , which appears to be consistent with our conclusions for Ni discussed above. Note that it was reported more recently that mixing or ball milling of LiBH 4 with FeCl 2 resulted in a significant decrease in the decomposition temperature [40] , which seems to contradict to the previous report of LiBH 4 mixing with FeCl 3 [37] . Further theoretical and experimental studies are therefore needed to clarify this situation.
It is important to note that the incorporation of metal impurities and the formation of native point defects are processes that are very distinct and occur in different stages of preparation or use of the material. The point defects are formed during decomposition, in a process that is close to equilibrium, such that their concentration will be determined by their formation energy − which is quite low, as seen in Table I . The metal impurities, on the other hand, are incorporated during initial processing of the material, often in a process such as ball milling, which can be highly energetic and potentially introduce impurities in non-equilibrium concentrations not directly related to their formation energy. This allows for incorporation of impurities with formation energies higher than those of the point defects.
V. SUMMARY
We have carried out a comprehensive first-principles study of native point defects and defect complexes in LiBH 4 . We find that lithium vacancies and interstitials have low formation energies and are highly mobile. These defects can participate in lithium-ion conduction, and act as accompanying defects in hydrogen and boron mass transport. We have proposed a specific mechanism for the decomposition of LiBH 4 that involves the formation and migration of H Based on this atomistic mechanism, we explain the decomposition and dehydrogenation, the ratelimiting step in hydrogen desorption kinetics, and the effects of metal additives on the kinetics of LiBH 4 .
